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A temperature and rate-dependent crystal plasticity
framework has been used to examine the temperature
sensitivity of stress relaxation, creep and load
shedding in model Ti-6Al polycrystal behaviour
under dwell fatigue conditions. A temperature close
to 120◦C is found to lead to the strongest stress
redistribution and load shedding, resulting from the
coupling between crystallographic slip rate and slip
system dislocation hardening. For temperatures in
excess of about 230◦C, grain-level load shedding
from soft to hard grains diminishes because of the
more rapid stress relaxation, leading ultimately to
the diminution of the load shedding and hence, it
is argued, the elimination of the dwell debit. Under
conditions of cyclic stress dwell, at temperatures
between 20◦C and 230◦C for which load shedding
occurs, the rate-dependent accumulation of local slip
by ratcheting is shown to lead to the progressive
cycle-by-cycle redistribution of stress from soft to hard
grains. This phenomenon is termed cyclic load shedding
since it also depends on the material’s creep response,
but develops over and above the well-known dwell
load shedding, thus providing an additional rationale
for the incubation of facet nucleation.
1. Introduction
Dwell sensitivity at 20◦C is now well known in titanium
alloys and mostly associated with Al-alloyed hexagonal
close-packed (HCP) α-Ti or near-α alloys [1]. The dwell
sensitivity of α-Ti alloys is believed responsible for some
early service failure of discs and fan blades of gas turbine
engines. Typical flight operations comprise a single
routine loading cycle which includes stress increase
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Figure 1. Rogue grain combination.
during take-off, stress-hold (dwell) when cruising and stress unloading in landing. It is found that
load cycles with dwell have a much lower peak stress than load cycles without dwell for the same
number of cycles when failure occurs [2]. As a result, the failure in titanium alloys at ambient
temperature cannot be simply based on the number of load cycles, and the reduction in cycles to
failure because of the stress-hold is known as the dwell debit.
Much work has been carried out in order to understand the mechanistic basis for the dwell
debit [2,3]. This has largely focused on the role of micro-texture, and the combination of very
particular crystallographic orientation combinations, operating synergistically with the known
creep response of Ti alloys, which occurs even at low temperatures. Work by Sinha et al. [4–6]
suggested that loading along the {0002} component of the texture enhances dwell fatigue, and
that dwell fatigue crack nucleation is associated with the formation of near-{0002} facets that lie
close to perpendicular to the loading direction. This observation was supported by the Stroh
formulation for crack nucleation [7] in a qualitative model described by Evans & Bache [8,9].
Crystallographic orientation combination of hard and soft grains (that is, HCP grains badly and
well orientated for slip, respectively) in a polycrystalline sample was found to be significant
in producing large local stresses at grain boundaries [10]. A rogue grain combination, shown
schematically in figure 1, with a primary hard grain with c-axis orientated about parallel to
the local maximum principal stress adjacent to a soft grain was investigated by Dunne et al.
[10–12], and the resulting grain boundary stresses quantified as a function of the soft grain
crystallographic orientation.
Hasija et al. [13] were the first to show that ‘cold’ creep occurring in the adjacent soft
grain under load hold could lead to the phenomenon of load shedding in which stresses are
redistributed into the hard grain during the hold period, potentially dramatically reducing the
fatigue life of the material. Dunne et al. also reported [11] that loading under a stress controlled
hold is more damaging than that under a strain-controlled hold.
Although it is known that cold creep is crucial for facet nucleation, the behaviour has mostly
been investigated at a temperature lower than that at which diffusion-mediated deformation
is expected to occur. However, some experimental studies have suggested that the ‘cold’ dwell
effect diminishes as temperature increases and disappears at around 200◦C [14], such that at this
temperature and above, a dwell debit is no longer observed. The low temperature (i.e. less than
200◦C) creep deformation in alpha and alpha–beta Ti alloys is observed for applied stresses of
only about 0.2% yield stress [15]. The mechanistic basis for the diminution of the cold dwell effect
on the dwell debit as temperature increases up to about 200◦C has remained elusive, but continues
to be of crucial importance in aero-engine applications where the same temperature dependence
of facet nucleation has also been observed (D Rugg 2014, personal communication). In addition,
anecdotally (B Arthurs & A Walker 2014, personal communication), it is known in the aero-engine
industry that the dwell debit is worst at some temperature between 90◦C and 120◦C, but again,
mechanistic understanding remains elusive.
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Hence, this study aims to address the temperature sensitivity of dwell fatigue, and to present
the mechanistic basis for the sensitivity, and for its diminution as the temperature approaches
200◦C. As a result of this, it is also possible to identify the worst-case temperature scenario
leading to dwell fatigue, which has also been observed through experience within the aero-
engine industry (D Rugg 2014, personal communication). The technique employed is that of rate
and temperature-dependent crystal plasticity using experimentally informed slip behaviour. The
crystal model and its temperature sensitivity are addressed first, with subsequent focus on the
temperature dependence of the anisotropic elasticity properties and of the independent HCP Ti
basal, prismatic and pyramidal slip system strengths. The crystal model is then employed to
examine specifically the local, rogue grain-level stress relaxation and creep response resulting
from strain and stress-controlled loading, respectively, over the temperature range of interest, in
order to examine systematically their roles in the temperature sensitivity of rogue grain stresses
and hence in cold dwell. Finally, the response of oligocrystals under cyclic loading over the range
of temperature is examined in order to quantify the stress relaxation and ratcheting behaviours
expected to result.
2. Crystal plasticity model with temperature-dependent slip rule
The crystal plasticity model used has been well described in earlier papers [10,12,16,17] and
is covered only briefly here, but its temperature sensitivity has not previously been explicitly
addressed. The key rate-controlling process assumed is that of the pinning and thermally
activated release of gliding dislocations giving rise to an overall average dislocation glide
velocity which, by virtue of the thermal activation, depends explicitly on temperature and an
activation energy, H, quantifying the temperature sensitivity [16]. Dislocation pinning is taken
to occur through the presence of lattice obstacles, which may include solute atoms, the sessile
statistically stored dislocations and their associated structures, as well as geometrically necessary
dislocations, incorporated in the slip rule as an overall obstacle density of ρo. The resultant slip
rule [10,12,16,17] determining the slip rate γ˙ α of a given slip system α takes the form
γ˙ α = ρmνb2 exp
(
−H
kΘ
)
sinh
[
(τα − ταc )γ0b2
kΘ
√
ρo
]
, (2.1)
where τα is the resolved shear stress for the αth slip system, ταc the corresponding critical
resolved shear stress (CRSS), Θ the temperature, ρm the density of mobile dislocations and
γ0 a representative shear strain magnitude. In this equation, v is the frequency of attempts of
dislocations to jump obstacle energy barriers, b Burger’s vector magnitude and k is the Boltzman
constant. The quantity H, discussed above, is the activation energy for self-diffusion. The
activation energy for self-diffusion and substitutional solute diffusion are remarkably higher
than interstitial diffusion, and self-diffusion is known to play a significant role in creep [18]. The
activation energy H is thought to be temperature independent in low temperature creep [19,20],
and the variation of H with strain is also argued to be insignificantly small [20,21].
In this study, the temperature dependence of the slip system critical resolved shear stresses and
elastic moduli are fully incorporated. Based on Taylor’s dislocation model [22], the temperature-
dependent critical resolved shear stress is written
ταc = ταc0(Θ) + G(Θ)b
√
ρSSD + ρGND, (2.2)
in which ρSSD is the density of statistically stored dislocations (SSDs), ρGND the density
of geometrically necessary dislocations (GNDs), b Burger’s vector magnitude and G the
temperature-dependent shear modulus. ταc0 is the initial, strain-free, temperature-dependent
critical resolved shear stress for given slip system α. The SSD density is taken to evolve with
the rate of accumulated slip, p˙ such that
ρ˙SSD = γ ′p˙, (2.3)
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where γ ′ is the hardening factor, chosen to ensure the experimentally observed hardening is
reproduced. The density of GNDs is determined from knowledge of the gradient of the plastic
deformation gradient FP and has been reported in detail elsewhere (e.g. [10])
N s∑
α=1
bαG⊗ρGα = curl(FP). (2.4)
The above-equation can be formulated into a set of linear equations of the form
AρG =Λ, (2.5)
whereΛ contains the components of the gradient of plastic deformation tensor, and A that for the
net Burger’s vector. The GND density at each strain step is given by
ρG = (ATA)−1ATΛ (2.6)
which is based on an L2 minimization in order to solve for a non-unique problem [17,23], resulting
from the absence of a unique mapping between lattice curvature and dislocation content.
The slip rule presented in equation (2.1) describes the thermally activated dislocation forward
or reverse jumps from two stable positions. This activation event is thermally driven under the
applied stress [16]. The sinh term comes from expanding the average glide velocity by considering
a symmetrical arrangement in forward and reverse jumps [12]. A feature of the slip rule is that
it inherently preserves the thermodynamic argument, by considering τα − ταc , so that the long
range internal stress (or image stress) has a non-zero mean value over the area actually swept
out in the slip plane [24]. By considering Taylor hardening as in equation (2.2), work hardening
dislocations interact with the elastic fields generated by sessile dislocations and ultimately may
themselves become immobilized. Hence the sessile dislocations create back stresses that increase
the stress required for deformation. Using an effective plastic strain-dependent ρSSD evolution
reasonably reproduces the recovery process, i.e. saturation of strain hardening. The density of
statistically stored dislocations remains constant when there is no accumulated plastic strain.
Most significantly, the slip rule in (2.1) and (2.2) explicitly relates slip rate and temperature, as
well as its dependence on strain hardening.
(a) Calibration of temperature-dependent properties
The key temperature-dependent properties appearing in the crystal model include the anisotropic
elastic constants and the slip system strengths. For the latter, it is well known that for HCP
alpha-Ti, the type II c + a pyramidal systems possess a slip strength significantly higher than
that for the a-type systems [25]. Significant experimental property data now exist for the single-
crystal and polycrystal response of near-alpha Ti alloy Ti-6Al, and, for this reason, this material
is considered in this study. The methodology adopted is to calibrate the model firstly against
the room temperature (20◦C) single-crystal and polycrystal response, and then to use the results
of several experimental studies [13,26,27] in order to incorporate the temperature sensitivity to
temperature in excess of 200◦C.
Hasija et al. [13] obtained stress–strain data for prismatic 〈a〉 and pyramidal 〈c + a〉 slip systems.
We employ these data in order to identify slip strengths at room temperature and these, together
with the other properties, are shown in table 1 and the corresponding comparisons between
single-crystal measurements and crystal model calculations for prismatic and c + a pyramidal
slip are shown in figure 2. We note that the activation volume in the slip rule in equation (2.1) is
defined as V = γ0b2/√ρo which gives a value of 18b3, which is within the range given by Conrad
[28] as 8b3–80b3 for alpha titanium. Equal strengths are assumed here for basal and prismatic slip
systems for simplicity, since the difference between them has been observed to be negligibly small
in experimental observations [13]. The slip strength of pyramidal systems is often observed to be
about three times that for basal or prismatic systems, recently demonstrated experimentally in
Gong & Wilkinson [25]. It is also reasonable to assume that there is no hardening occurring for
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Figure 2. Experimental and crystal model curves for prismatic 〈a〉 and pyramidal 〈c + a〉 slip system response based on
single-crystal creep experimental data [13].
Table 1. Slip rule properties at 20◦C and parameters (see text for temperature dependencies).
parameters quantities
ρm 5.0µm−2
. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .
ρo 0.01µm−2
. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .
v 1.0 × 1011 Hz
. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .
b 3.20 × 10−4 µm
. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .
k 1.381 × 10−23 J K−1
. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .
γ0 6 × 10−4
. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .
γ ′ 0 for single crystal
. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .
0.05 for polycrystal
. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .
τ
basal,prism
c0 280 MPa. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .
τ
〈c+a〉
c0 840 MPa. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .
H 9.913 × 10−20 J atom−1
. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .
the single-crystal titanium alloy response, and, as a result, the hardening coefficient γ ′ is taken to
be zero.
In order to establish the appropriate activation energy H that enables the correct and
consistent rate sensitivity in single-crystal and polycrystalline tests to be reproduced, the
polycrystal data of Hasija et al. [13] are used in combination with a polycrystal model with
approximately random texture and subjected to the equivalent strain-controlled mechanical
loading. It is noted that in low temperature creep, i.e. less than 0.25 Tm (melting temperature),
primary transient creep dominates over steady-state deformation. Steady-state creep of titanium
alloy is often not observed in titanium alloys at room temperature [20,29,30]. The activation
energy in transient creep is usually smaller than that measured in steady-state creep [20,31,32].
These observations are closely related to the strain rate sensitivity at room temperature
[33,34] behaviour.
In addition, experimental studies in Ti-6Al alloy showed the transient creep was highly
correlated to the short-range order (SRO) of titanium and aluminium atoms [30], strongly
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Figure 3. Strain rate sensitivity calibration based on polycrystalline experiments.
Table 2. Parameters for polycrystalline Ti model under uniaxial loading and room temperature.
moduli (MPa) and Poisson’s ratio
temperature (◦C) E11 E33 G12 G13 v12 v13
20 84 745 119 789 29 022 40 000 0.46 0.22
. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .
90 79 323 112 125 27 065 37 303 0.47 0.22
. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .
160 73 902 104 462 25 113 34 612 0.47 0.23
. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .
230 68 480 96 798 23 164 31 926 0.48 0.23
. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . .
influencing strengthening and creep transients [35]. The polycrystal model rate sensitivity with
an activation energy H= 9.91310−20 J/atom is shown for the three strain rates indicated,
providing a good representation of the polycrystal average stress–strain response, in figure 3.
The small amount of strengthening observed is captured simply by means of the contribution
from Taylor hardening, such that the hardening factor, γ ′, becomes non-zero (γ ′ = 0.05). The slip
rule properties at 20◦C and parameters, the latter including initial densities of SSDs and GNDs,
representative shear strain γ0, and the activation energy H, are summarized in table 1.
The temperature dependences are considered next. Figure 4 shows the temperature sensitivity
in moduli determined by Conrad et al. [36], but the absolute values of the moduli have been
shifted in order to ensure that the room-temperature moduli equate to those determined by Hasija
et al. [13] to provide equivalence with their data for Ti-6Al. Full details of the elastic anisotropy
for transversely isotropic HCP crystals and the corresponding elastic stiffness matrix are given in
Dunne et al. [12], and the temperature dependencies are shown in table 2.
In the slip rule, the key properties with temperature dependence are the critical resolved
shear stresses. The conjugate representative shear strain, γ0, is temperature independent, and the
hardening coefficient γ ′ is negligible or very small even at 20◦C, so is considered independent
of temperature. The activation energy H is thought to be temperature independent in low
temperature creep [19,20], and hence this is imposed here. The temperature sensitivity of the
critical resolved shear stresses is obtained based on the reported experimental data by Williams
et al. [27] and Hasija et al. [13]. However, there is not complete consistency between the sets of data,
and because the slip rule rate sensitivity is calibrated against the polycrystal data of Hasija, we use
the temperature sensitivity of slip strengths obtained by Williams et al., while maintaining the 20◦C
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That data referred to as ‘shifted’ is simply the original measured data of Williams et al. [27] translated vertically to ensure that
the 20◦C slip strengths are the same as those of Hasija et al. [13].
absolute values of slip strengths from Hasija et al. In this way, the slip strengths at 20◦C shown in
figure 5 reproduce the single-crystal Ti-6Al test data of Hasija et al. [13]. The basal and prismatic
slip strengths are assumed to take the same temperature sensitivity since their values are near-
identical over the temperature range of interest, also shown in figure 5, and their temperature
dependencies are given by
τ
b,p
c0 = 0.0009Θ2 − 0.5942Θ + 290.55, (2.7)
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Figure 6. Linear strain loading with different rates: single crystal with prismatic slip.
where Θ is the temperature between 20◦C and 300◦C. Similarly, the temperature dependence
of the critical resolved shear stress for the pyramidal 〈c + a〉 systems, also shown in figure 5, is
given by
τ
〈c+a〉
c0 = 0.0011Θ2 − 1.3801Θ + 867.18. (2.8)
In the next section, the fully calibrated crystal model is employed to examine single-crystal Ti-6Al
response to both strain and stress-controlled loading in order to establish bounds for the likely
polycrystal stress relaxation and creep response.
3. Monotonic stress relaxation and creep in single-crystal behaviour
Single-crystal prismatic slip under monotonic strain-controlled loading is considered first, for
a range of strain rates and temperatures, particularly in order establish the expected bounds on
temperature sensitivity. Figure 6a shows the strain applied up to value of 0.02, to the single crystal
at the three strain rates ε˙ = 8.4 × 10−4, 1.5 × 10−4, and 1.65 ×10−5 s−1 shown. Figure 6b shows the
corresponding calculated loading-direction stress versus strain response for the range of strain
rates and temperatures shown. With increasing temperature, so the modulus reduces, but the fully
calibrated rate sensitivity shows more interesting results. That is, the room-temperature stress
response shows the expected single-crystal reproduction of the sensitivity to strain rate, even at
20◦C, showing about an 80 MPa change over the strain rate range. However, as the temperature
is increased up to 230◦C, the manifestation of strain rate sensitivity is seen to diminish, but in
fact this results from the stronger thermal activation at higher temperature leading to very much
more rapid stress relaxation, hence diminishing the stresses achieved even at the higher rates.
This behaviour is anticipated in rate-sensitive materials (often at homologous temperatures in
excess of about 0.4), but perhaps less so in relatively low temperature Ti alloy response.
Introducing a strain-hold period in to the loading allows the resulting temperature dependence
of the stress relaxation to be examined. The strain-controlled loading is shown in figure 7a, in
which a maximum strain of 0.01 is imposed, followed by the strain-hold. The stress relaxation
which results at 20◦C shown in figure 7b can be seen to be significant and is retained for a
temperature of 90◦C but is seen to diminish to near-zero at temperatures in excess of about 160◦C.
This is a further manifestation of the thermal activation in that as the temperature increases, so
does the diffusion-induced recovery reflected in more rapid stress relaxation, to the extent that
there is no observable difference in stress response, at least for the strain rate range chosen, for
temperatures above 160◦C. There is clearly a close coupling between strain rate and temperature,
and it is argued that this is likely to be profound in its consequences for cold dwell fatigue, and its
temperature sensitivity, and this is addressed in detail in a later section. Firstly, however, as a next
step, we address polycrystal response to strain-and stress-controlled loading with load holds.
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Figure 7. Dwell strain loading with different rates: single crystal with prismatic slip.
4. Stress relaxation and creep in Ti-6Al polycrystal response
Polycrystal behaviour is assessed using the three-dimensional representation shown in figure 8.
Grains with hexagonal morphology are considered, with pseudo-directionally solidified structure
such that grains are prismatic both in shape and crystallographic orientation.
As shown in figure 8, the polycrystalline finite-element model developed has dimensions
of 15 × 180.2 × 205µm with a total of 300 grains each of about 25µm in size. A rogue grain
combination is considered in the central region of the polycrystal model because of its importance
for cold dwell facet fatigue nucleation [11,37,38]. The model considered contains about 44 000
ABAQUS user-defined 20-noded solid elements, but for the central rogue combination shown in
figure 8c, the hard and soft grains identified each contain about 1625 elements, while other grains
each contain about 120 elements. The crystallographic orientations in the rogue combination are
indicated schematically in figure 8d, in which the c-axis of the hard grain is orientated along the
loading direction, and that of the soft grain is normal to the loading direction, and out of plane
so that prismatic slip is likely to be activated. The two additional grains adjacent to the hard
grain are also orientated to be easy for slip, but the remaining grains shown in figure 8b, are
assigned random orientations. The polycrystal is subjected to uniaxial loading with boundary
conditions indicated in figure 8. The crystal properties are those discussed above and given in
tables 1 and 2.
(a) Stress relaxation under strain control
In this study, we choose to focus on the loading strain rate of ε˙ = 8.4 × 10−4 s−1 since this gives
rise to a range of differing stress relaxations over the temperature range of interest 20–230◦C. The
macro-level strain-controlled loading applied is shown in figure 9a which includes a strain-hold
period leading to the corresponding macro-level stress response shown in figure 9b. It is noted that
the overall polycrystal response is very similar to that observed for the single-crystal behaviour
such that pronounced stress relaxation is seen during the strain-holds at lower temperature, but as
the temperature increases to about 230◦C or above, the relaxation takes place much more rapidly
by virtue of thermal activation such that for the strain rate loading considered, at the higher
temperatures, the stress relaxation occurs over a small timescale compared with the loading time.
It is helpful to study the local grain-level behaviour at the rogue grain combination along
path A-A’ through the rogue grain as indicated in figure 8a,d. The local yy-stress responses at the
strain-hold start (t= 12 s) and at the strain-hold end (t= 24 s) are shown in figure 10 from 20◦C
to 230◦C for the Ti-6Al polycrystal considered. The boundaries at the soft–hard and hard–soft
grains are indicated by the dashed lines shown in figure 10. The peak stresses which occur at
the boundaries of hard and soft grains are due to the neighbour effects indicated in figure 8d.
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Figure 8. Polycrystalline finite-element model: (a) loading and boundary conditions; (b) polycrystalline model with 1625
element for the hard grain, 1637 elements for the soft grain and about 120 elements for all other grains; (c) location of roguegrain
combination of hard and soft grains and (d) crystal orientations in and around the rogue grain combination, and the locations
of the A-A’ and B-B’ paths as well as hotspot identification for local stress and strain analysis.
A steady decrease of yy-stress along path A-A’ (indicated in figure 8d) from a peak at the grain
boundary of about 800 MPa at 20◦C in figure 10a to just over 500 MPa at 230◦C in figure 10d may
be seen. This results largely from the slip strength dependence on temperature shown in figure 5;
it is noted in passing that the magnitude of the decrease in stress for this near-alpha (Ti-6Al) alloy
is larger than would be expected to occur in more conventional, industrial Ti alloys. The figures
also show the stresses both at the beginning and end of the strain-hold period, as indicated in
figure 9a, and what is of particular interest is that the magnitude of the stress relaxation which
appears to occur progressively diminishes with increasing temperature such that at 230◦C, the
local stresses both before and after the strain-hold period are near-identical. This again results
from the thermally activated creep taking place in the grains well-orientated for slip, and relates
directly to the activation energy term, H, in the slip rule in equation (2.1), reflecting the strain
rate, or creep sensitivity to temperature.
(b) Creep and load shedding
It is recognized that cold dwell fatigue is known to be more damaging under loading conditions
of stress-hold than for those of strain-hold [11], hence it is important and useful to examine the
very same polycrystal containing the rogue grain combination of crystallographic orientations
but with stress-hold loading conditions reflecting the experimentally observed worst case.
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Figure 10. Stress relaxation in path A-A’ at elevated temperatures: (a) Θ = 20◦C, (b) Θ = 90◦C, (c) Θ = 160◦C and
(d)Θ = 230◦C.
The stress-controlled loading conditions imposed are shown in figure 11a. The total loading
time is again 24 s, with equal periods for load-up and stress-hold. The holding stress magnitudes
applied are 711, 590, 497 and 458 MPa for 20, 90, 160 and 230◦C, respectively, chosen to ensure
that plasticity develops at the soft–hard grain boundary in all cases. In particular, because of the
relatively high yield strain in the titanium alloy considered, we have chosen to apply a loading
stress at each temperature of interest in order to ensure a macro-level applied strain of about 1%
consistently to ensure that local yielding occurs at the hard–soft grain boundary. Hence, we are
able to make comparisons consistently across the temperature range considered. The resulting
macroscale yy strain responses are shown in figure 11b, which indicate an initial elastic linear
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Figure 11. Stress-hold in polycrystalline model material: (a) macroscale YY stress, and (b) the resulting macroscale strain
response.
response, followed by plastic straining and finally, the accumulation of strain through creep
deformation. An interesting observation is that for the case of 230◦C, the strain develops rapidly
during the initial part of the stress-hold and finally saturates at a value of about 0.0136. This strain
saturation phenomenon is not observed for other temperatures for these conditions of loading
rate. Also, in passing, it is noted that the rate of strain accumulation at the termination of the
stress-hold period is highest, for the discrete temperatures considered, at the temperature of 90◦C;
we return to this interesting result later in the context of dwell fatigue sensitivity to temperature,
and load shedding, which are addressed next.
(i) Load shedding
Load shedding was first identified as a potential key mechanism for the formation of cold
dwell facets by Hasija et al. [13] and Venkataramani et al. [39,40], which occurs by local creep
deformation in grains well-orientated for slip and adjacent to those badly orientated (e.g. in the
rogue grain orientation configuration discussed above) such that the stress relaxation occurring
in the creeping, soft, grains leads to the redistribution of the stress to the adjacent hard grain,
which occurs during a cold dwell or stress-hold period. The effect is shown clearly in figure 12
but now over the range of temperature of interest. Here, the very same stress-controlled loading
shown in figure 11a resulting in the macroscale strain responses in figure 11b leads to the local
load shedding observed at the grain level in figure 12 which shows the stresses along path A-A’
(figure 8d) during the load-up and macroscale stress-hold for the temperatures shown. In figure 12
again, the vertical broken lines indicate the locations of grain boundaries along path A-A’. The
results show the role of load shedding which causes the stresses at the boundary between the soft
and hard grains to increase significantly during the load dwell; figure 12 shows the yy stresses
along path A-A’ at the points for both stress dwell start and its end, shown in figure 11a. It is
interesting to see that the magnitude of the stress redistribution due to load shedding is maximum
at a temperature of 120◦C, shown in figure 12c. This is higher than that observed at 20◦C (though
the stress redistribution at this temperature remains highly significant), but as the temperature
increases further, so the magnitude of the stress redistributed during the hold period diminishes
such that once a temperature of 230◦C is considered, the stresses at the beginning and end of
the load hold are largely the same. Two key points are therefore argued on the basis of the creep
sensitivity to temperature in the Ti-6Al alloy considered. Firstly, the crucial role played by load
shedding in cold dwell fatigue is seen to diminish and vanish in effect at a temperature of about
230◦C; it is therefore of significant note that aero-engine manufacturer experience is such that the
phenomenon of cold dwell fatigue and the dwell debit in disc components is known to diminish
and vanish as temperatures approach about 200◦C (D Rugg 2014, personal communication).
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Figure 12. Stress YY along path A-A’ for increasing temperatures: (a) Θ = 20◦C, (b) Θ = 90◦C, (c) Θ = 120◦C,
(d)Θ = 160◦C and (e)Θ = 230◦C.
Secondly, it is also industrial aero-engine experience (D Rugg 2014, personal communication)
that the worst-case situation for dwell debit recorded in tests in commercial Ti alloys in discs
occurs for a temperature at about 120◦C; this is, of course, very close to the temperature for which
the magnitude of the predicted stress redistribution is shown to be highest, and it is therefore
important to establish the mechanistic basis for the temperature sensitivity of load shedding, and
the temperature for which it is strongest, and this is addressed next.
(ii) Temperature sensitivity of load shedding
Figure 12 indicates a temperature sensitivity of the magnitude of the load shedding; of the five
temperatures analysed, the strongest load shedding was observed at 120◦C. We note that the
rate sensitivity in the material is captured through the activation energy term, H, appearing
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in the slip rule in equation (2.2). Its sensitivity to temperature is captured because of the
explicit representation of temperature both in the exponential and sinh terms resulting from the
thermal formulation developed in [10,12,16,17] and appearing in the slip rule in equation (2.1).
In addition, the slip strengths are also dependent on temperature as shown by equation (2.2),
and also explicitly dependent upon the development of local dislocation density generation
for differing slip systems, which in turn affect the slip rate in equation (2.2). In order to
investigate the temperature sensitivity of load shedding, we therefore examine the slip rates,
γ˙ α , developing local to the hard–soft rogue grain combination, since these control the rate
and magnitude of the creep taking place in the soft grain, and, correspondingly, the stress
relaxation and redistribution to the adjacent hard grain. Hence, returning to figure 8, under
conditions of stress-hold loading, we examine the slip rates at the hard–soft grain boundary
along path A-A’ but just within the soft grain, over the range of temperatures of interest and
the results are shown in figure 13a. It is found that a peak slip rate exists (indicating highest
propensity for creep and therefore load shedding) at a temperature of about 120◦C. Also, the
insert in figure 13a shows the change in slip rate γ˙ between the start and finish of the dwell
period of loading. Thus, the peak in load shedding with temperature in figure 12 is attributed
to the slip rate dependence on temperature, and it is intriguing to note that the peak slip
rate which gives rise to the strongest load shedding occurs at 120◦C and coincides with the
anecdotally observed in-service worst-case dwell debit temperature (D Rugg 2014, personal
communication). In addition, independent rate sensitivity data for a Rolls-Royce near-alpha alloy
Ti-829 (B Arthurs & A Walker 2014, personal communication) given in figure 13b shows that the
highest measured rate sensitivity of 0.2% proof stress in these alloys over the temperature range
20–300◦C also occurs at 120◦C, therefore supporting the results of the calculations. Experimental
data for Ti-834 also shown do not contradict this result. Additional experimental data exist
(B Arthurs & A Walker 2014, personal communication) for alloy Ti-829 comparing the fatigue
endurance stress (104 cycles) for non-dwell and dwell (with a 2 min stress-hold per cycle)
fatigue over temperatures from 20◦C to 200◦C. These results are shown in figure 13c with the
stress (for life of 104 cycles) decrease resulting from the inclusion of the dwell shown in the
inset. It is clearly seen that the largest detriment to endurance under dwell conditions occurs
at 120◦C, and that the dwell effect diminishes progressively at temperatures above this. Both
of these independent experimental results show direct and unambiguous agreement with the
model predictions.
Analysis of the slip rule in equation (2.2), for the case of fixed slip strength with temperature,
ταc0(Θ), indicates that slip rate is anticipated to increase monotonically with temperature and
that therefore the behaviour shown in figure 13a deviates from this expectation. But in fact,
during the load hold, the soft grain undergoes creep by slip, leading to the development of
dislocation activity which increases the slip strength as shown in equation (2.2), and the behaviour
shown in figure 13a results interestingly because of the close coupling between slip rate and slip
strengthening, which is itself dependent on temperature.
The stress redistribution resulting from load shedding at the hard–soft grain boundary is
extracted for all temperatures with reference to figure 12a–d, and the grain boundary stresses at
the beginning and end of the hold period are shown in figure 13d for increasing temperature. The
differences, σ , shown in figure 12a–d correspond to the load shedding, or stress redistribution
resulting from the hold period, with the maximum occurring at 120◦C. At 230◦C, the load
shedding is seen to diminish to zero. In addition, the nature of the stress difference shown in
figure 13d over temperature shows a striking relationship with the experimentally observed stress
dwell debit given in figure 13c.
(iii) The role of the stress relaxation in cold dwell
An important issue for cold dwell fatigue debit in service applications is the representative time
scale over which cold creep takes place. Put another way, the time constant associated with
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Figure 13. (a) Slip rate development with temperature in a creeping soft grain adjacent to a hard grain as shown schematically
in figure 8; the insert figure shows the difference of slip rate from stress-hold begin to stress-hold end. (b) The maximum
variation in 0.2% proof stress with temperature for the two alloys shown for the strain rate ranges indicated. (c) Experimental
dwell and no-dwell fatigue endurance data (B Arthurs & A Walker 2014, personal communication) for Ti-829 alloy for the
temperature range shown (inset shows stress difference with temperature). (d) Predicted stress redistribution (illustrated
in figure 12) at hard–soft grain boundary during stress-hold.
stress relaxation is crucial because of the relevance of the period of time for which the most
damaging combination of component-level stress and temperature occurs in service. Hence in
passing, because the crystal model has been calibrated against rate-sensitive data, we examine
the stress relaxation response to dwell and its associated time scales.
In order to show the critical peak stress along the soft–hard grain boundaries, we shift path
A-A’ up to the centre height of the grains and refer to the new path as B-B’, as shown in figure 8d.
Recalling the dwell stress loading curve in figure 11a, the dwell period td now considered
is measured from the stress-hold point (t= 12 s). The stresses along path B-B’ are shown in
figure 14a and are extracted at various values of dwell period td. For illustrative purposes, the
peak boundary stress is included in figure 14b; this demonstrates the increase in stress at the soft–
hard grain boundary. Note also that this particular study was carried out at room temperature
(20◦C).
This result agrees well with Hasija et al. [13], who first noted that local peak boundary stress is
a function of time and also echoes the study by Bache et al. [41], in which the effect of increasing
dwell period led to a decrease in the number of cycles to failure in a tensile dwell fatigue
sample. In passing, it is worth noting that an in-service dwell period may be approximately 120 s
(B Arthurs & A Walker 2014, personal communication) and a suitable value for critical cleavage
stress is approximately 1200 MPa [11,42]. This would suggest that under an applied stress of
711 MPa, temperatures in the range of 20–80◦C coupled with a dwell period of 120 s or above
may lead to facet nucleation.
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Figure 15. Local strain along path A-A’ under strain-controlled loading and a strain-dwell at (a) Θ = 20◦C and
(b)Θ = 230◦C.
(iv) The role of strain accumulation in cold dwell
When focusing on the grain-level deformation in the cases of both strain and stress-controlled
dwell cycling, it has been argued that a stress-hold is more damaging than that for strain, and
perhaps more importantly, this is also the evidence from laboratory and in-service behaviour [11].
This phenomenon is investigated here by consideration of the local grain-level, rate-dependent
deformation taking place in both loading types. As before, the representative model polycrystal
shown in figure 8 is employed, subjected to the strain and stress-hold loading discussed above
and, as shown in figure 15a for 20◦C, the resulting local strain along path A-A’ does not show
significant change or accumulation during the dwell period for strain-controlled loading. The
result for the same loading but at a temperature of 230◦C is shown in figure 15b, indicating that
even for potentially very much more thermally activated slip, the strain accumulation under this
loading remains low such that consequently, the stress relaxation and hence load shedding are
also minimal. Ultimately, the result indicates that load shedding and a corresponding dwell debit
are inhibited at the rogue grain combination for strain-controlled loading.
5. Cyclic polycrystal behaviour with relaxation and ratcheting
Dwell fatigue is primarily a cyclic process and while great insight at the microstructural level
in terms of microcreep, stress relaxation and load shedding may be obtained from analyses of
a single cycle stress dwell, these effects are also important in determining the cyclic response.
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Figure 16. Cyclic loading with stress dwell for the stresses and temperatures shown.
Notably, loading for which a non-zero mean stress is applied often leads to the progressive
accumulation of plastic strain, or ratcheting. This may occur both at the microstructural level
(e.g. [43]), and at the macro-level, and this section addresses polycrystal creep, stress relaxation,
ratcheting, and elastic and plastic shakedown, under cold dwell cyclic loading. Stress-controlled
cycling incorporating the stress dwell is considered over the temperature range as shown in
figure 16 and applied to the polycrystal model shown in figure 8.
The macroscale strain response and the corresponding stress–strain behaviour which result
for the polycrystal are given in figure 17. At a temperature of 20◦C, the macroscale strain is
seen to increase progressively with cycles but at reducing rate per cycle, such that the resulting
macroscale stress—strain hysteresis response suggests the onset of plastic shakedown, leading to
a subsequent constant strain increment per cycle. The corresponding result for 160◦C (at a lower
applied stress) also results in ratcheting but the accumulated strain within the first cycle is larger
because of the enhanced creep rate, and subsequent plastic shakedown occurs more rapidly than
for 20◦C. A more extreme response is observed for 230◦C (at lower applied stress again) in which
the creep rate is so high that within the first cycle, the strain accumulation saturates, leading to
no further ratcheting nor cyclic plasticity, and elastic shakedown takes place. Over really quite
a narrow range of temperature, the remarkable low-temperature rate sensitivity of Ti-6Al alloy
gives rise to a broad range of cyclic responses from cyclic plasticity and ratcheting through to
elastic shakedown at the macroscale.
The microscale or grain-level response is considered at the location of the rogue grain
combination in figure 8 for the same loading conditions at the end of the stress dwell but for the
two temperatures of 20◦C and 230◦C; that is, for the lower temperature for which load shedding
was demonstrated earlier to be significant, and for a higher temperature for which creep and
stress relaxation occurs so rapidly that no load shedding during the stress-hold is observed at
all. The key results along path A-A’ are shown in figure 18 for loading cycles 1, 2 and 5 and
have significant implications for cold dwell fatigue. Figure 18a,b shows the room-temperature
results in which cold creep in the soft grains gives rise to the progressive cyclic accumulation
of plastic strain over just five cycles which results in the cyclic redistribution of stress from the
soft grain to the adjacent hard grain; it is interesting to note that this is a cyclic phenomenon
as opposed to that due to dwell, but one that similarly results from the low-temperature rate
sensitivity of this material. This is demonstrated in figure 19 in which the accumulated strain at a
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Figure 17. Macroscopic strain response and stress–strain behaviour for increasing temperature.
particular hard–soft grain interface, identified in figure 8d, is shown with loading cycles where it
is seen to be the case that the strain accumulation occurs only during the stress-hold. That is, the
local ratcheting occurs primarily through rate-dependent slip, or creep processes, and not from
rate-independent reversed plasticity.
Figure 18c,d shows the corresponding results for the higher temperature of 230◦C in which it
is seen firstly that the plastic strain accumulation in the soft grains occurs within the first loading
cycle and that its magnitude is significantly higher than that for the lower temperature and, that
very limited further accumulation with subsequent cycles occurs. Secondly, a consequence of
this is that there is no cyclic load shedding observed in figure 18d at this temperature such that
a cyclic, progressive increase in the stress carried by the hard grain does not occur. This result
further supports the hypothesis presented earlier that temperatures in excess of 230◦C are likely
to inhibit the conditions necessary in order to generate hard-grain stresses sufficiently large in
order to nucleate facets.
Hence, under dwell fatigue loading, there exists the progressive cyclic shedding of stress from
the soft grain to the hard grain, which takes place in addition to the load shedding resulting solely
from the stress dwell. The existence of the additional cyclic load shedding, over and above that
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Figure 18. Microscale plastic strain and stress along path A-A’ at the end of stress dwell loading at the cycles indicated for the
temperatures shown.
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Figure 19. Accumulated plastic strain at the hard–soft grain interface shown in figure 8d.
due to dwell load shedding, provides a rational basis for the cycle dependence of the nucleation
of dwell facets, and provides a potential explanation for the incubation period necessary in order
for fatigue facets to nucleate.
6. Conclusion
The temperature sensitivity of load shedding and cold dwell has been investigated in model alloy
Ti-6Al, and it is shown that load shedding is crucially dependent on temperature from 20◦C up to
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about 230◦C. In temperatures in excess of the latter, thermally activated creep leads to very rapid
stress redistribution and the diminution, and in effect elimination, of local load shedding from
soft to adjacent hard grains. It is therefore argued that the well-known cold dwell fatigue debit in
Ti alloys is likely to diminish to zero at temperatures in excess of about 230◦C. It is also shown that
an intermediary temperature of about 120◦C exists for which stress relaxation is the strongest. This
results from a coupling between slip rate and temperature-dependent dislocation strengthening.
Hence the worst-case dwell fatigue debit is expected to be observed at about 120◦C. Anecdotal
industrial evidence supports this result, as well as the experimental observations of highest rate
sensitivities at this temperature in two Ti alloys Ti-829 and Ti-834. In addition, experimental
studies of dwell debit in Ti-829 have shown unambiguously the debit to be worst at 120◦C, and
that it diminishes to a small level with temperatures in excess of 200◦C, thus providing strong
support for the mechanistic basis presented. The dwell period, crucial for determining the time
constant associated with load shedding, is predicted to be of order minutes rather than seconds;
this is likely to be of significance for aero-engine flight loading cycles.
Analysis of slip at hard–soft grain interfaces shows that under strain-controlled loading holds,
local rate-dependent slip accumulation does not occur, so inhibiting stress relaxation and the
shedding of load to the adjacent hard grain. Conversely, for conditions of stress-controlled dwell
loading, it is the soft grain rate-dependent slip accumulation during the dwell period which
leads directly to stress relaxation in the soft grain and the corresponding load shedding. It
is therefore argued that a stress dwell cycle is more damaging in dwell debit than that for
strain-controlled dwell.
Cyclic loading containing stress dwell is shown to lead to the interesting process of cyclic load
shedding at the hard–soft grain interface; that is, the progressive, cycle-by-cycle redistribution of
stress from the soft grain to the hard grain. This occurs because of local, soft grain ratcheting,
or progressive accumulation of slip, which occurs only during the stress-hold part of the cycle
showing it to result solely from the material’s rate sensitivity as opposed to the reversed plasticity.
Hence, a rationale for a cyclic incubation period for facet nucleation has been presented, and
it is argued that nucleation depends upon both the stress dwell load shedding and the cyclic
load shedding.
Data accessibility. This work relies on existing published and referenced experimental data, except that provided
independently by Rolls-Royce plc, explicitly recognized in the acknowledgement.
Authors’ contributions. M.C. developed the geometrical polycrystal model; M.C. and Z.Z. calibrated the CPFE
model, generated and interpreted the numerical results, and F.D. conceived and designed the problem. Z.Z.
and F.D. wrote the paper. All authors gave final approve for publication.
Competing interests. We have no competing interests.
Funding. This work was supported by Engineering and Physical Science Research Council (EP/K034332).
Acknowledgements. The authors gratefully acknowledge the helpful discussions with Drs Adrian Walker and
David Rugg, Rolls-Royce plc, and their contribution of material data for Ti-829 and Ti-834. Z.Z. wishes to
express grateful thanks to Drs T. Ben Britton and Jun Jiang for discussions on HCP crystallography.
References
1. Adenstedt H. 1949 Creep of titanium at room temperature. Met. Prog. 56, 658–660.
2. Bache MR. 2003 A review of dwell sensitive fatigue in titanium alloys: the role of
microstructure, texture and operating conditions. Int. J. Fatigue 25, 1079–1087. (doi:10.1016/
s0142-1123(03)00145-2)
3. McDowell DL, Dunne FPE. 2010 Microstructure-sensitive computational modeling of fatigue
crack formation. Int. J. Fatigue 32, 1521–1542. (doi:10.1016/j.ijfatigue.2010.01.003)
4. Sinha V, Mills MJ, Williams JC. 2006 Crystallography of fracture facets in a near-alpha
titanium alloy. Metall. Mater. Trans. A 37A, 2015–2026. (doi:10.1007/s11661-006-0144-5)
5. Sinha V, Spowart JE, Mills MJ, Williams JC. 2006 Observations on the faceted initiation site
in the dwell-fatigue tested Ti-6242 alloy: crystallographic orientation and size effects. Metall.
Mater. Trans. A 37A, 1507–1518. (doi:10.1007/s11661-006-0095-x)
 on September 29, 2015http://rspa.royalsocietypublishing.org/Downloaded from 
21
rspa.royalsocietypublishing.org
Proc.R.Soc.A471:20150214
...................................................
6. Sinha V, Mills MJ, Williams JC. 2004 Understanding the contributions of normal-fatigue and
static loading to the dwell fatigue in a near-alpha titanium alloy. Metall. Mater. Trans. A 35A,
3141–3148. (doi:10.1007/s11661-004-0058-z)
7. Stroh AN. 1954 The formation of cracks as a result of plastic flow. Proc. R. Soc. Lond. A 223,
404–414. (doi:10.1098/rspa.1954.0124)
8. Evans WJ, Bache MR. 1994 Dwell-sensitive fatigue under biaxial loads in the near-alpha
titanium-alloy IMI685. Int. J. Fatigue 16, 443–452. (doi:10.1016/0142-1123(94)90194-5)
9. Bache MR, Evans WJ. 2003 Dwell sensitive fatigue response of titanium alloys for power plant
applications. J. Eng. Gas Turb. Power 125, 241–245. (doi:10.1115/1.1494094)
10. Dunne FPE, Walker A, Rugg D. 2007 A systematic study of hcp crystal orientation and
morphology effects in polycrystal deformation and fatigue. Proc. R. Soc. A 463, 1467–1489.
(doi:10.1098/rspa.2007.1833)
11. Dunne FPE, Rugg D. 2008 On the mechanisms of fatigue facet nucleation in titanium alloys.
Fatigue Fract. Eng. M 31, 949–958. (doi:10.1111/j.1460-2695.2008.01284.x)
12. Dunne FPE, Rugg D, Walker A. 2007 Lengthscale-dependent, elastically anisotropic,
physically-based hcp crystal plasticity: application to cold-dwell fatigue in Ti alloys. Int. J.
Plasticity 23, 1061–1083. (doi:10.1016/j.ijplas.2006.10.013)
13. Hasija V, Ghosh S, Mills MJ, Joseph DS. 2003 Deformation and creep modeling in
polycrystalline Ti-6Al alloys. Acta Mater. 51, 4533–4549. (doi:10.1016/s1359-6454(03)00289-1)
14. Lütjering G, Williams JC 2007 Titanium. 2nd edn. Berlin, Germany: Springer.
15. Ankem R, Wilt T 2006 A literature review of low temperature (<0.25 Tmp) creep behavior
of alpha, alpha-beta, and beta titanium alloys. San Antonio, TX: Center for Nuclear Waste
Regulatory Analyses.
16. Manonukul A, Dunne FPE, Knowles D. 2002 Physically-based model for creep in nickel-
base superalloy C263 both above and below the gamma solvus. Acta Mater. 50, 2917–2931.
(doi:10.1016/s1359-6454(02)00119-2)
17. Dunne FPE, Kiwanuka R, Wilkinson AJ. 2012 Crystal plasticity analysis of micro-deformation,
lattice rotation and geometrically necessary dislocation density. Proc. R. Soc. A 468, 2509–2531.
(doi:10.1098/rspa.2012.0050)
18. Hosford WF 2010 Physical metallurgy. London, UK: CRC Press.
19. Weertman J. 1958 Dislocation model of low-temperature creep. J. Appl. Phys. 29, 1685–1689.
(doi:10.1063/1.1723025)
20. Thompson AW, Odegard BC. 1973 Influence of microstructure on low temperature creep of
ti-5 al-2.5 sn. Metall. Trans. 4, 899–908. (doi:10.1007/bf02645587)
21. Cuddy LJ. 1970 Internal stresses and structures developed during creep. Metall. Mater. Trans.
B 1, 395–401. (doi:10.1007/bf02811548)
22. Taylor GI. 1934 The mechanism of plastic deformation of crystals. Part I. theoretical. Proc. R.
Soc. Lond. A 145, 362–387. (doi:10.1098/rspa.1934.0106)
23. Arsenlis A, Parks DM. 1999 Crystallographic aspects of geometrically-necessary and
statistically-stored dislocation density. Acta Mater. 47, 1597–1611. (doi:10.1016/s1359-6454(99)
00020-8)
24. Kocks UF, Argon AS, Ashby MF 1975 Thermodynamics and kinetics of slip. Oxford, UK:
Pergamon Press.
25. Gong J, Wilkinson AJ. 2009 Anisotropy in the plastic flow properties of single-crystal
alpha titanium determined from micro-cantilever beams. Acta Mater. 57, 5693–5705.
(doi:10.1016/j.actamat.2009.07.064)
26. Conrad H. 1981 Effect of interstitial solutes on the strength and ductility of titanium. Prog.
Mater. Sci. 26, 123–404. (doi:10.1016/0079-6425(81)90001-3)
27. Williams JC, Baggerly RG, Paton NE. 2002 Deformation behavior of HCP Ti-Al alloy single
crystals. Metall. Mater. Trans. A 33, 837–850. (doi:10.1007/s11661-002-1016-2)
28. Conrad H. 1967 Thermally activated deformation of alpha titanium below 0.4 Tm. Can. J. Phys.
45, 581–590. (doi:10.1139/p67-050)
29. Dieter GE 1988 Mechanical metallurgy. London, UK: McGraw-Hill.
30. Neeraj T, Hou DH, Daehn GS, Mills MJ. 2000 Phenomenological and microstructural analysis
of room temperature creep in titanium alloys. Acta Mater. 48, 1225–1238. (doi:10.1016/S1359-
6454(99)00426-7)
31. Kocks UF. 1976 Laws for work-hardening and low-temperature creep. J. Eng. Mater. Technol.
ASME 98, 76–85. (doi:10.1115/1.3443340)
 on September 29, 2015http://rspa.royalsocietypublishing.org/Downloaded from 
22
rspa.royalsocietypublishing.org
Proc.R.Soc.A471:20150214
...................................................
32. Miller WH, Chen RT, Starke EA. 1987 Microstructure, creep, and tensile deformation in Ti-
6Al-2Nb-1Ta-0.8Mo. Metall. Trans. A 18, 1451–1468. (doi:10.1007/bf02646658)
33. Hatch AJ, Partridge JM, Broadwell RG. 1967 Room temperature creep and fatigue properties
of titanium alloys. J. Mater. 2, 111–119.
34. Odegard BC, Thompson AW. 1973 Low temperature creep of Ti-6 Al-4V. Metall. Trans. 5,
1207–1213. (doi:10.1007/BF02644335)
35. Neeraj T, Mills MJ. 2001 Short-range order (SRO) and its effect on the primary creep
behavior of a Ti-6wt.%Al alloy. Mat. Sci. Eng. A-Struct. 319, 415–419. (doi:10.1016/s0921-
5093(01)01045-0)
36. Conrad H, Doner M, de Meester B 1973 Titanium science and technology. New York, NY: Plenum
Press.
37. Anahid M, Samal MK, Ghosh S. 2011 Dwell fatigue crack nucleation model based on crystal
plasticity finite element simulations of polycrystalline titanium alloys. J. Mech. Phys. Solids 59,
2157–2176. (doi:10.1016/j.jmps.2011.05.003)
38. Kirane K, Ghosh S. 2008 A cold dwell fatigue crack nucleation criterion for polycrystalline Ti-
6242 using grain-level crystal plasticity FE Model. Int. J. Fatigue 30, 2127–2139. (doi:10.1016/j.
ijfatigue.2008.05.026)
39. Venkataramani G, Kirane K, Ghosh S. 2008 Microstructural parameters affecting creep
induced load shedding in Ti-6242 by a size dependent crystal plasticity FE model. Int. J.
Plasticity 24, 428–454. (doi:10.1016/j.ijplas.2007.05.001)
40. Venkatramani G, Ghosh S, Mills M. 2007 A size-dependent crystal plasticity finite-element
model for creep and load shedding in polycrystalline titanium alloys. Acta Mater. 55,
3971–3986. (doi:10.1016/j.actamat.2007.03.017)
41. Bache MR, Cope M, Davies HM, Evans WJ, Harrison G. 1998 Dwell sensitive fatigue in
a near alpha titanium alloy at ambient temperature. Int. J. Fatigue 19, 83–88. (doi:10.1016/
S0142-1123(97)00020-0)
42. Jones IP, Hutchinson WB. 1981 Stress-state dependence of slip in titanium-6Al-4 V and other
HCP metals. Acta Metall. Mater. 29, 951–968. (doi:10.1016/0001-6160(81)90049-3)
43. Wan VVC, MacLachlan DW, Dunne FPE. 2014 A stored energy criterion for fatigue crack
nucleation in polycrystals. Int. J. Fatigue 68, 90–102. (doi:10.1016/j.ijfatigue.2014.06.001)
 on September 29, 2015http://rspa.royalsocietypublishing.org/Downloaded from 
